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The influence of minor solute additions of Mg, Ag and Zn and their combinations on the precipitation
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kinetics and strengthening of an Al-Cu-Li alloy has been systematically investigated. Combining
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differential scanning calorimetry (DSC) and small-angle X-ray scattering (SAXS) provides information
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on how alloy chemistry changes the precipitation sequence, the precipitation kinetics in non —
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isothermal and in isothermal conditions, and the related strengthening. When adding Mg, the
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precipitation kinetics are strongly accelerated, which is shown to be related to the dominant
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formation of T, precipitates. When adding Ag and Zn together with Mg, further enhancement of
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precipitation kinetics is observed, without change of the precipitation sequence, probably due to a

w
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more efficient nucleation of T,. The intrinsic strengthening potential of the T, phase is shown to be
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unchanged by the addition of Ag and Zn, and the higher strength reached in the alloys containing
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these additions is shown to be due to a higher precipitate volume fraction.
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1. Introduction
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Al-Cu-Li based alloys are currently the subject of intensive research for structural applications

ST
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requiring a combination of high strength, low density, high fracture toughness and good corrosion
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resistance, these requirements being particularly relevant for aerospace applications [1]-[4].
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Following the first generations of Al-Li alloys developed in the 1980s, the current developments
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concern alloys with lower Li content of the order of 1 wt%, which has helped improve some of the
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weak points of earlier developed alloys, such as limited long term microstructural stability [5]—[8].
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The mechanical properties of Al-Cu-Li alloys are controlled by the fine scale distribution of precipitate
phases. In the base Al-Cu-Li system, the main phases that can form in practice during conventional
heat treatments belong to the two binary systems Al-Cu (GPIl and GPIl zones and 8’ phase, towards
Al,Cu composition [9]—-[12]), Al-Li (&’ phases — AlsLi [12], [13]), and to the ternary Al-Cu-Li system (T,
phase Al,CulLi [14]-[16]) ; other phases may form along higher temperature paths (6, 5, T,, o, ...).
However, most Al-Cu-Li alloys have a more complex chemistry. Apart from solutes involved in
dispersoids, which do not diffuse appreciably during precipitation heat treatments (Zr, Mn, ...),
combinations of Mg, Ag and / or Zn in fractions of % are frequently added, resulting in a potentially
much wider variety of precipitating phases. Particularly, the importance of Mg-Cu phases (S phase
and all its precursors such as clusters and GPB zones) has been clearly established [17]-[19].

The nucleation of the T, phase, usually considered to provide the highest strength in these alloys,
forming thin plates of hexagonal structures lying on {111} matrix planes [20], [21] is quite
challenging, especially at the relatively low ageing temperatures required to retain a good
compromise of mechanical properties. It can be promoted by the introduction of strain prior to the
artificial ageing treatment [9], [22]. Numerous studies have also shown that the precipitation of the
T, phase could also be promoted by the addition of minor solute species, particularly Mg and Ag
[23]-[27], [17], [13].

Ag addition alone does not alter the hardening potential to a great extent [25], [23], [28], [27], but
the effect of Mg addition is much more pronounced [23], [26], [28], [29]. Mg addition promotes T,
precipitation, to the expense of 6" and 0’ [19], [26], [28], [30], and the resulting distribution of T,
phase (in the absence of pre-strain) has been shown to be finer [23]. In the presence of Mg, the
addition of Ag has been shown to further improve the strengthening of Al-Cu-Li alloys [23], [28]. In
parallel, Zn has been also used as a minor addition to Al-Cu-Li alloys, in combination with Mg [9],
[31], [32].

In a recent article, we have studied the respective role of Mg, Ag and Zn additions on the
precipitation sequence during different steps of artificial ageing at 155°C following a pre-deformation
of an Al-3.5wt%Cu-0.9wt%Li alloy [19], using atomic resolution high angle annular dark field scanning
transmission electron microscopy (HAADF-STEM). The main conclusions drawn from this study were
as follows:

- The presence or absence of Mg profoundly changes the precipitation path. In the absence of
Mg, at early ageing times the microstructure contained GPI zones that later developed into 6’
precipitates, curved along the dislocations where they nucleated. Only a limited number of T,
precipitates were observed. In the presence of Mg, however, precursor Mg-Cu phases were

found at dislocations very early along the heat treatment that further developed in GPB
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zones and S phase along with a high density of T, precipitates that dominated the
microstructure. A threshold Mg concentration of the order of 0.1 at% was found necessary to
activate this change of precipitation path [30].

- Agwas found at the interface between T, precipitates and the matrix as early during the heat
treatment as the T, precipitates were observed, confirming the observations of [18].
However, its presence did not change qualitatively the precipitate microstructure after
artificial ageing. Similarly, Zn was found to be present inside the precipitates, most probably
substituting for Cu atoms. Like that of Ag, the addition of Zn did not change qualitatively the
precipitate microstructure.

Thus, a better level of understanding of the precipitation sequence has been reached with respect to
the effect of minor solute additions of Mg, Ag and Zn. However, little is known about the influence of
these profound changes of precipitation sequence with minor alloying additions, on the precipitation
kinetics and on the associated evolution of strength. Moreover, Mg, Ag and Zn may be used together
or in various combinations, and the role of the combination of these has not yet been established. In
Al-Cu-Li based alloys, maximizing the intragranular precipitation kinetics is of paramount importance
because at long ageing times, grain boundary precipitation contributes to a reduction in ductility and
toughness [33]. As a consequence, the T8 condition of these alloys is generally chosen in a slightly
underaged state at the beginning of the hardness plateau where a good compromise between intra-
granular strength and minimal grain boundary precipitation can be achieved.

In this context, this paper will present a thorough evaluation of precipitation kinetics, in both
isothermal and non-isothermal conditions, as well as the related strengthening kinetics, in a series of
alloys with systematic combinations of minor solute additions (Mg, Ag, Zn). The precipitation kinetics
will be investigated by combining small-angle X-ray scattering (SAXS) and differential scanning

calorimetry (DSC), supported by transmission electron microscopy (TEM).

2. Materials and methods

The alloys of the study all share the same concentration of 3.5%Cu and 0.9%Li (all compositions are
in wt%) as major alloying elements. Based on this solute content (named subsequently the base
alloy), a number of alloys containing different combination of Mg, Ag and Zn in small proportions
were prepared. The alloy compositions are given in Table 1. The heat treatment consisted of a
solution heat treatment at 505 °C for 30 minutes, followed by a water quench. A plastic pre-
deformation of 4% was added after water quench followed by 3 days of natural aging. Artificial aging
started with a ramp heating from room temperature (RT) up to 155 °C with 20 °C/hour and

isothermal aging was then performed at 155 °C in an oil bath.



O ~J o Ul W

AU UTUIUTUIUTUTOTUT S DB DR DDEDEDEDWWWWWWWWWWWNNNNNNDNNONNNN R R PR R R R R
O WNHFRFOWVWO IO D™ WNROW®O-JAUTDWNROWOW®MJdAOANUTDWNR OWOWTAUBRWNR OWO®m-TI0U D WN R O W

For hardness measurements, the samples were water quenched from 155 °C for different aging times
and tested on a fully automatic Buehler Tukonm1102 instrument. The applied load was 500gr and
indentation time 10 seconds. For each ageing time and alloy, the average value is calculated on 60
measurements.

Small-Angle X-ray Scattering (SAXS) measurements were performed both on a laboratory rotating
anode (Rigaku MicroMax-007 HF, Cu K, source) and at the European Synchrotron Radiation Facility
(ESRF). For aluminium alloys the optimal sample thickness at the energy of the Cu Ka the energy
(8.048 keV) is around 75 um. The data were acquired by a DECTRIS Pilatus 300K X-ray Detector,
which performs single-photon counting on each pixel. The same energy was provided at the ESRF.
Due to a higher flux, it is possible to measure with shorter acquisition times compared to the
laboratory setup. This was taken advantage of for the continuous heating experiments. A CCD
camera was used for detection in this case. The precipitates present in this system are strongly
anisotropic, which results in a signal on the detector which is the combination of streaks
representative of the precipitates lying close to an edge-on geometry. However, the particular grain
texture present in our alloys did some averaging of this intensity, which prevented the analysis of
individual streaks such as performed in [34], [35] to extract the morphology of the precipitates.
Instead, a radial averaging of the data was made, which is equivalent to making the hypothesis that
grains of all orientations are within the illuminated volume. This hypothesis was sufficiently robust to
extract quantitatively morphological parameters such as the precipitate thickness (see appendix), but
the integrated intensity, which is usually related to the precipitate volume fraction in a rather simple
way [36], is very sensitive to the detailed texture of the zone covered by the X-ray beam. As a
consequence, although the relative variation of intensity could be safely interpreted during an in-situ
heating experiment because the local texture does not change, converting this relative intensity to
an absolute volume fraction measurement required the use of an independent measurement, which
was made using Differential Scanning Calorimetry.

DSC measurements were performed with a Perkin ElImer Pyris Diamond apparatus. DSC samples had
a weight between 30-50 mg. The ramp heating was either 50 °C/min or 200 °C/min. The scanned
temperature interval goes from 25 to 550 °C. Baseline corrections were done, by adjusting
temperature intervals between 50 to 100 °C and above 500 °C to zero heat flow by using a
polynomial function of 3 order. These temperature intervals were chosen, because precipitation is
expected to occur above this lower temperature boundary and all present phases should have been
dissolved above 500 °C [37].

Conventional TEM was performed at the SIMaP laboratory on a JEOL 3010 instrument, operated at
300 kV. With the aperture diameter available on this instrument, the <112> , orientation was

favourable to form good dark field images (with the aperture centred around the {110}, forbidden
4
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reflexion) given the larger distance between matrix diffraction spots as compared to the <110>, zone
axis. TEM samples were polished with a double jet Tenupol in an electrolyte consisting of 70 % CH,0

and 30 % HNO;, cooled down to below -20 °C.

3. Results

3.1. Hardness

Figure 1 presents the evolution of hardness over aging time at 155°C for the different alloys. It can be
observed on these curves that the standard deviation of the measurements (60 indents per
condition) varies during the heat treatment. As shown in [38], the relatively wide distribution of
hardness in these alloys is related to the relative inhomogeneity of plastic strain induced by the pre-
deformation from grain to grain, inducing a local variation in precipitation kinetics. The time scale is
plotted in logarithmic scale with respect to the time of the ‘End of Ramp’ (‘EoR’) condition, and the
conditions prior to ‘EoR’ are placed arbitrarily on this time scale. After water quench, the hardness of
all alloys is very similar and lies around 70 — 75 HV. Two groups of alloys can be distinguished after
pre-deformation and subsequent natural aging. The first group contains Mg and hardness increases
up to 95 HV by pre-deformation. The second group, with no Mg additions, shows hardness values
around 10 HV below Mg containing alloys after pre-deformation. Three days of natural aging (‘NA’)
amplifies the hardness difference between Mg containing and Mg-free alloys which is then around 20
HV. All Mg containing alloys follow the same hardness evolution after pre-deformation and natural
aging. No additional effect of Ag or Zn is observed. Subsequently, a ramp heating up to 155 °C is
performed. The hardness slightly decreases at the end of ramp condition compared to the hardness
values after natural ageing. The difference between Mg containing and Mg-free alloys is still 20 HV.
Upon further artificial aging at 155 °C a hardness increase within 1 hour is observed, which then
accelerates until reaching a hardness plateau. Again, the main difference during artificial ageing is
visible between Mg containing and Mg-free alloys, whose strengthening kinetics is both slower and
reaching a lower plateau value. After 4 hours of artificial aging, a small effect of Ag in Mg containing
alloys becomes also visible. The hardness of alloys containing Ag or Zn additions increases faster.
Maximum hardness is reached for different aging times, depending on the presence of minor alloying
elements. The highest hardness is measured for the Base + Mg0.3Ag and the Base + Mg0.1AgZn
alloys (173 HV) and the lowest hardness is measured in the Base alloy. In addition, these alloys need
different aging periods in order to reach the plateau hardness. Table 2 summarizes the maximum
hardness value and the corresponding aging time for all alloys. The ageing condition corresponding

to this time will subsequently be named ‘stabilized condition’.
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3.2. Microstructure in the precipitated state

The effect of Mg, Ag and Zn on the precipitate microstructure in these alloys was described in [19].
As recalled in the introduction, it was shown that Mg essentially affects the precipitation path: in the
presence of Mg the microstructure at the hardness plateau is dominated by the T, phase, whereas in
the absence of Mg, it is dominated by the 8’ with only a low number density of T,.

To analyse the detailed effect of all combinations of minor alloying elements on the distribution and
diameter of T, precipitates, conventional dark field TEM imaging was performed in the ‘stabilized’
condition for each alloy. These observations were performed along the <112> matrix zone axis,
where only one variant of T, precipitates (out of four) is imaged. The shape of T, precipitates was
assumed to be disc-like, and the measured projected length on TEM was assimilated to the
precipitate diameter. For each alloy, the diameter of 100 — 200 precipitates was measured. The
obtained distributions are shown in supplementary material. They represent only the diameter of the
T, precipitates, which do not necessarily represent the major phase in all alloys (namely not in the
Mg-free alloys).

The shape of the diameter distributions of T, precipitates is quite similar for the two Mg-free alloys.
With increasing minor alloying content, it appears that the size distribution expands towards higher
diameter values. For example, in the Base alloy most of the diameters range from 30 to 50 nm. In the
Base + MgZn0.1Ag and Base + Mg0.3Ag the range of diameters is much wider with values from 30 to
80 nm. Only small differences in the average measured diameters, shown in Table 2, are observed
between the different alloys. The smallest average diameter is found for the Base alloy (42 nm) and
Base + 0.3Ag (43 nm). The diameter increase, when Mg is added, is very small (45 nm). Further
additions of alloying elements, such as Ag and Zn, lead to slightly larger diameters. However, no clear
trend with respect to the minor additions could be found. The Base + MgZn (48 nm) and Base +
Mg0.3Ag (45 nm) alloys reach similar diameters, which are very close to the diameter of the Base
alloy. The highest values are obtained for the Base + Mg0.1AgZn (55 nm) and Base + Mg0.1Ag (60
nm) alloys. The half width (at half maximum) of the distribution for all alloys is comprised between
19 and 25 nm.

The dark field images shown in Figure 2 are taken at the same magnification for each alloy. They
reveal qualitatively that the T, number density in Mg-free alloys is much lower than in Mg containing
alloys, and is similar within the latter group of alloys.

In Ref. [19] it was shown that in the absence of Mg, precipitation at peak strength is dominated by
the 0’ phase. This is illustrated in Figure 3(a) where the ‘stabilized’ condition of the Base alloy is
imaged in dark field along <001> zone axis, where two out of the three variants of 0’ are visible.

Qualitatively, the density of 6’ appears to be high. In comparison, the Base + Mg0.1Ag alloy,
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representative for Mg containing alloys, and imaged in the same conditions, shows a much lower
number density of 8’ (Figure 3(b)). In addition, the contrast in the TEM micrograph exhibits a plate-
like phase which is not edge-on in the <001> zone axis. They are most likely T, phases, which are
inclined to the zone axis. This confirms the fact that in the Base alloy, precipitation of 8’ plays an

important role, whereas it is of smaller importance in the presence of Mg.

3.3. Precipitation Kinetics during isothermal ageing

The kinetics of precipitation during isothermal ageing at 155°C (preceded by the heating ramp) has
been characterised in all alloys using in-situ small-angle X-ray scattering. Figure 4 shows 2D scattering
patterns in the stabilized condition for all studied alloys, and the corresponding radially averaged
intensity vs. scattering vector plots, compared to the scattering signal in the naturally aged state and
at the end of the ramp. The naturally aged state shows a scattering signal at large angles,
representative of small clusters. In the end of ramp condition, this signal has mostly disappeared,
reflecting the cluster dissolution, and scattering intensity at smaller angles experiences a moderate
increase, reflecting the nucleation of the first precursor phases at the dislocations.

The SAXS images of the stabilized condition all show the presence of streaks, which are
representative of a signal dominated by the scattering by platelet particles. This is confirmed by the
radially averaged curves, which show an extended g behaviour representative of platelet particles,
before tending towards a g™ behaviour at large angles.

The volume fraction and the average thickness of the precipitates is extracted from the fit of the
intensity as described in the Appendix. This allows further analysis and comparison of the different
alloys with each other. However, the scattering images of Figure 4 show a large number of streaks,
whose angular distribution appears close to random. This is because the alloys of the present study
present a partially recrystallized microstructure, in contrast to former studies e.g. on the 2198 alloy
of strongly unrecrystallized microstructure [12], [37]. The recorded intensity depends on the relative
fraction of the platelets which are oriented to give rise to the streaks (close to edge-on conditions,
depending on the scattering vector considered, see [34]). The local texture probed by the beam
varies from one alloy to another but is constant during an in-situ experiment, so that it is possible to
represent the fitted volume fraction from the model in relative units for a given alloy at any time
during the heat treatment. In order to compare the alloys together, this volume fraction in arbitrary
units was normalized based on two assumptions.

First, the ‘EoR’ condition was considered not to contain any precipitates. The value of the volume
fraction at this point was therefore set to 0. The observations of [19] show that this assumption is
not strictly true for the local microstructure at the dislocations, however averaged on the material’s
volume the volume fraction of precipitates in this condition was considered to be negligible,

7
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consistent with the SAXS signal observed in the EOR samples in Figure 4. Secondly, after aging for 50
hours it was assumed based on the hardness measurements that a constant volume fraction was
reached in all alloys, which was defined as fully precipitated state at this temperature and set to 1. It
must be stressed that the measurements of platelet thickness, however, are not affected by this
normalization procedure, as they solely depend on the relative evolution of intensity with scattering
vector.

Figures 5a and 5b show the evolution of relative volume fraction and platelet thickness for the same
group of alloys as for the hardness curves in Figure 1. The graphs start all at the beginning of the
155°C isothermal heat treatment (at the ‘EoR’ condition). The volume fraction rises quite rapidly
during artificial aging at 155 °C. Similarly to hardness measurements, Mg containing and Mg-free
alloys can be clearly distinguished. A difference is seen in the initial slope of the volume fraction
evolution, which is steeper for Mg containing alloys. A plateau of precipitate volume fraction for Mg
containing alloys is reached after 15 hours for Base + Mg0.3Ag, 18 hours for Base + Mg0.1Ag and 22
hours for Base + Mg, respectively. Mg containing alloys show intensities slightly above 1 for aging
times of around 20 hrs. This is due to the fact that normalisation to 1 was made at 50 hours, which
does not correspond to maximum intensity. A decrease in intensity during ageing seems at first sight
counter-intuitive. However, it can be explained by a change in contrast conditions due to subtle
changes in the composition of the different layers constituting the T, precipitate. As shown in [15],
small changes of the chemical composition of the T;-phase can result in large changes of the contrast
conditions and thereby change the global intensity measured in SAXS, because of the opposite
contrast of Li and Cu with respect to Al in X-rays. In the absence of Mg the precipitation process takes
much longer and maximum precipitation is achieved only after 50 hours at 155 °C. The addition of Ag
in the ternary AICuLi (Base) alloy slightly enhances the overall precipitation kinetics.

In the presence of Mg, the addition of Zn, Ag or (Zn & Ag) affects the precipitate volume fraction in a
very similar way. All of these three alloys reach the plateau of maximum precipitation after around
18 hours. Only the Base + Mg alloy, which does not contain any additional alloying elements, shows
slightly slower kinetics.

Additionally, the evolution of the average thickness of the precipitates can be extracted from the
obtained SAXS data and results are illustrated in Figure 5b. The obtained thicknesses for all alloys lie
between 1.1 and 1.3 nm for the investigated time range at 155°C. It appears that the addition of both
Mg and Ag is most effective to avoid thickening. At this point, it is important to recall that the results
present the average thickness of all scattering objects, based on a discrete size distribution, which
takes into account the discrete nature of the possible T, thickness [39], [40]. However, a moderate
increase of the average thickness such as observed in Figure 5b can be attributed either to an

increased proportion of T, platelets with additional layers, or to the thickening of other phases which
8
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do not form with the same geometry, like 6’. The additions of only Zn or Zn and Ag likewise result in a
constant thickness, which does not evolve appreciably over time but which is slightly higher than for
the Base + Mg0.3Ag alloy. Slight differences in the average thickness are observed to be in the order
of 0.2 nm and are considered to be negligible.

The thickness of T, is closely connected to heat treatment temperature. Aging at 155 °C of a pre-
deformed sample results mainly in precipitation of single layered T, [18], [37] ; Dorin et al. observed
only thickening when changing the heat treatment temperature to 190 °C [37]. It thus may be
concluded that in the investigated conditions, precipitated T, phases are mostly single-layered for all
alloys studied, in good agreement with the constant hardness plateau observed in section 3.1, since

thickening of T, precipitates results in a sharp loss in hardening [35].

3.4. Precipitation Kinetics during non-isothermal ageing

The previous section has highlighted the effect of minor alloying elements on precipitation kinetics,
with a good agreement between hardness measurements and SAXS data. However, subtle
differences in the precipitation sequence induced by the addition of minor solutes cannot be
resolved by these experiments only, and require complementary measurements by differential
scanning calorimetry (DSC). On two alloys, DSC measurements were combined with in-situ SAXS-
experiments realised in the same experimental conditions to relate the visualization of the signature
of the precipitate evolution on SAXS images to the DSC signal, based on the methodology proposed
by Dorin et al. [37].

Figure 6 shows the normalized heat flux for the Base alloy initially in the naturally aged condition and
heated at 50 °C/min. Characteristic points are indicated in the DSC graph and the corresponding
snapshots from SAXS measurements in the same conditions are displayed below in Figure 6. In Figure
6a no precipitates or clusters are present. The signal slowly rises in Figure 6b at around 260 °C and its
intensity becomes stronger in Figure 6c. The relatively isotropic distribution of the signal suggests
that both T, and 0’ are present when compared to the scattering from Mg containing alloys (Figure
4), because these two phases do not form on the same habit planes and therefore give rise to streaks
at different angles. The signal increases for temperatures up to 317 °C (Figure 6d — e) which is the
temperature of maximum precipitation rate identified on the DSC thermogram. Further heating
shows the shortening of the scattering streaks, which are related to thickening of the existing phases
(Figure 6f and g). At 452 °C, which lies clearly on the endothermic side of the DSC graph, complete
dissolution has occurred. Based on these observations, the broad exothermic peak in DSC can

therefore be attributed to combined precipitation of T, and ©’.
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A similar experiment coupling DSC and SAXS measurements has been carried out for the Base + Mg
alloy. This experiment is very similar to that carried out by Dorin et al. [37] on the AA2198 alloy, and
the results can be found in the supplementary material. As can be seen in Figure 7 where the DSC
curves for all alloys are reported, the non-isothermal precipitation kinetics in the Mg containing alloy
is markedly different from that of the Mg-free alloy. From the comparison with SAXS images, the
small endothermic peaks in the temperature range below 230°C are attributed to dissolution of
clusters formed during natural aging. Comparing our SAXS images to those recorded in
unrecrystallized rolled alloys [12], [34], [37] our results strongly support that most of the streaks
present during the main exothermic event in DSC correspond to precipitates lying in the {111} planes,
with no evidence for significant presence of platelets lying on the {100} planes. This observation
further confirms the attribution of this main sharp DSC peak to the precipitation of the T, phase, with
the second DSC exothermic peak at 340°C being attributed to the secondary precipitation related to
thickening of T, precipitates.

The normalized DSC signals are compared for all alloys in Figure 7. Similarly to the observations made
for isothermal ageing, the largest difference is found between Mg containing and Mg-free alloys.
Based on the combined SAXS and DSC analysis, we can deduce that when precipitation is dominated
by T, (in the presence of Mg), precipitation occurs much more rapidly as illustrated by the much
narrower precipitation peak.

In the absence of Mg, the addition of Ag is observed to significantly change the precipitation kinetics
in these non-isothermal conditions, contrarily to what has been observed in isothermal ageing.
Namely, the exothermic peak in the Base + 0.3Ag alloy is much narrower, and at lower temperature,
as compared to that of the Base alloy. This indicates that precipitation kinetics are faster in the
presence of Ag.

In the presence of Mg, all DSC curves are qualitatively similar, confirming that the addition of Ag and
Zn are of second order importance. However, the effect of alloying elements affects both the area of
the main exothermic peak, which is representative of the volume fraction of precipitates, and the
peak temperature, which can be qualitatively related to precipitation kinetics. Figure 7 shows that
the addition of 0.1 wt % and 0.3 wt % Ag results in a larger peak area, i.e., an increased volume
fraction for T,. The kinetics is slightly enhanced as well by the addition of Ag, since the peak
temperature is lower as compared to the Base + Mg alloy. The addition of Zn has a similar effect as
the addition of Ag, and the DSC signal of the Base + MgZn0.1Ag alloy is almost identical to that of the
Base + Mg0.3Ag alloy. In contrast, of all Mg containing alloys, the Base + Mg alloy possesses the

slowest precipitation kinetics and lowest volume fraction of T.
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3.5. Quantification of the precipitate volume fraction and relation to strengthening

Until now, we have evidenced an effect of minor solute additions on the precipitation kinetics.
However, a more complete understanding requires a determination of the precipitate volume
fraction in absolute units. For T, precipitates, Dorin et. al. [37] established a relationship between the
normalised enthalpy measured by DSC and the precipitate volume fraction measured by TEM. The
normalized enthalpy for a given microstructural state (e.g. the stabilized condition) is measured by
subjecting this state to a DSC scan and by integrating the DSC signal up to the solvus temperature.
We applied this relationship to DSC experiments carried out on the stabilized condition of all
different alloys. As assumed by Dorin et al [37], T, is the main precipitating phase in the AA2198
alloy, which contains Mg and Ag in addition to the main solutes Cu and Li. The integral of the DSC
curve which describes the thermal events Q;(T) varies for different aging conditions and is
proportional to the volume fraction of precipitates fi, present in the sample at the beginning of the
DSC scan. The normalised enthalpy is defined as:
520°C Equation 1

AH = - Qi(T)dT « fy
B J1oosc

[ is the heating ramp of the experiment, set to 200°C to maximise the DSC signal and minimise the
possible phase transformations (apart from T, dissolution) occurring during the experiment. The
indicated integration boundaries are the same as in [37], assuming that below 100 °C no thermal
events are happening and above 520 °C all former precipitated phases have dissolved. The T8
condition of AA2198 contains a precipitation volume fraction of 2.6 % and measures a normalized
enthalpy of 13.9 J/g in DSC analysis, respectively [37]. In the present study, the alloys differed by
minor alloying elements. We used the aging times to reach the stabilized condition as presented in
Table 2 for the different alloys. Only Mg containing alloys were taken into account, since an
important assumption of the procedure is that the microstructure contains mainly T, precipitates.

Figure 8 shows the DSC curves for the different Mg containing alloys in the stabilized condition. Most

of the thermal events are endothermic and related to dissolution.

Table 3 summarizes the area, calculated by integration of the heat flow with time and the
corresponding volume fraction calculated from the relationship given by Dorin et al. [37]. It shows
that the highest volume fraction is obtained for the Base + Mg0.1AgZn and Base + Mg0.3Ag alloys.

Figure 9 shows the precipitation kinetics curve obtained from SAXS measurements, and now
converted to volume fraction. All curves in Figure 9 show a similar precipitation behaviour, however
differences in volume fraction are obtained. The Base + Mg alloy reaches a plateau at a volume

fraction of 3.3 %. The addition of 0.1 wt% Ag results throughout the ageing treatment in a higher
11



O ~J o Ul W

AU UTUIUTUIUTUTOTUT S DB DR DDEDEDEDWWWWWWWWWWWNNNNNNDNNONNNN R R PR R R R R
O WNHFRFOWVWO IO D™ WNROW®O-JAUTDWNROWOW®MJdAOANUTDWNR OWOWTAUBRWNR OWO®m-TI0U D WN R O W

volume fraction and reaches a maximum volume fraction of 3.8 %. An even higher T; volume fraction
is obtained for the Base + Mg0.3Ag alloy, which reaches a value of up to 4%. In the presence of Zn,
the maximum volume fraction is 4 %. The addition of both Zn and Ag shows the highest volume
fraction of 4.35 %.

The calibrated volume fraction can now be related to the hardness of the different alloys. Figure 10
shows the relation between the calibrated volume fraction and the hardness, measured during the
155°C heat treatment. It is seen that for all alloys a linear relationship is obtained. From Figure 10, it
is seen that with higher Ag or Zn concentration a higher T, volume fraction, and correspondingly a
higher hardness is obtained. The highest effect in terms of both precipitate volume fraction and

strengthening is the combined addition of Zn and Ag.

4. Discussion

The former described results will now be discussed together, with the help of the microstructure
information at the atomic scale shown in [19] to elucidate, when possible, the effect of minor
alloying elements on the precipitation kinetics, and on the related strengthening of the Al-Cu-Li alloys
under study. The effect of Mg on precipitation kinetics will be first discussed, followed by the effect
of adding Ag in the absence of Mg and last by the influence of the addition of Zn and/or Ag in the

presence of Mg.

4.1. The effect of Mg addition on precipitation Kinetics and related strengthening

In-situ small angle X-ray scattering reveals that the precipitate volume fraction for Mg containing
alloys increases faster during artificial ageing as compared to Mg-free alloys. Similar behaviour was
observed for hardness measurements, where Mg containing alloys exhibit faster hardening kinetics
and higher end hardness values. DSC measurements of naturally aged alloys showed that Mg-free
alloys present a different precipitation sequence compared to Mg containing alloys, and that this
different precipitation sequence results in a precipitation kinetics spanning over a much wider
temperature range. These observations confirm the microstructural observations of [19]. It was
shown that Mg-free alloys contained a high number density of 8’ and a low number density of T,
precipitates, whereas the Mg containing alloys showed a high number density of T, and a low
number density of 6.

Therefore, the observed influence of Mg on precipitation is two-fold: -i- the addition of Mg changes
the dominating precipitating phase, namely T, is the main precipitate in the presence of Mg, and €’ is

the main precipitate in the absence of Mg; and -ii- in the presence of Mg, the overall precipitation

12
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kinetics are observed to be much faster. These two observations might have a common origin, or
could result from different effects.

The first observation has been discussed in detail based on the early stage microstructure in [19]. In
the absence of Mg, Cu containing GP zones are observed very early on the dislocations (‘EoR’
condition). In the ‘nucleation’ condition, corresponding to the time when the first precipitates are
detected by macroscopic methods (SAXS), these GP zones have already evolved to 6’, which are
inclined to follow the shape of the curved dislocations. In the ‘stabilized’ condition the
microstructure is then dominated by these precipitates. T, precipitates are also observed, however in
low quantity, and seem also to have nucleated on dislocations. The low density of T, precipitates in
the Mg-free alloy with respect to the 8’ phase seems therefore related to a kinetic competition
between the formation of these two phases on the dislocations. The formation of T, on a dislocation
exempt from precursors requires the dissociation of this dislocation [22], which in aluminium is
difficult because of the high stacking fault energy. Consequently, it is kinetically unfavourable
compared to 6’ phase formation, which evolves from the pre-existing GP zones.

When Mg is present, microstructure observations strongly suggest that the dislocations are
completely covered with Mg-Cu precursors [18], [19], which prevent the formation of 0’. If the
formation of 8’ is suppressed, and the further growth of Mg containing phases is made difficult by
the shortage of Mg, it follows that the nucleation of T, should be favoured. Since it is observed to
happen quickly and with a high number density, one can conclude that the Mg-Cu rich precursors on
dislocations have a structure that helps the formation of T, nuclei.

Thus, as observed both by in-situ SAXS, DSC and hardness, in the presence of Mg, T, (together with
the limited number of 6’) precipitates faster than the concomitant precipitation of T, and 6’ in the
absence of Mg. This difference in precipitation kinetics is at first sight counter-intuitive, since in both
microstructures one finds the same precipitates (although in different proportions), namely 8’ and T,,
competing for the same limiting solute (Cu), and their observed sizes are comparable.

A first possible explanation of this difference in precipitation kinetics may be the difference in
precipitate number density. A system with a higher density of nuclei will precipitate faster because
the diffusion distance to be covered by solutes during the growth process is smaller. [19] showed
measurements of the surface fraction of T, precipitates by TEM. The surface fraction for T,
precipitates in Mg containing alloys is approximately twice that of Mg-free alloys. However, the latter
also contain a high density of 6’ and the final size of T, precipitates is similar in both alloy families,
which indicates that the total number density of particles is of the same order. Thus, there is no
indication that the two alloy families present a very large difference in total precipitate number

density, which would explain the accelerated precipitation kinetics in the presence of Mg.
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A second possible explanation is that the kinetics are faster in Mg containing alloys because the
precipitates (namely, T,) nucleates earlier. The condition ‘nucleation’ was defined as the ageing time
for which first streaks appear in SAXS measurements. Interestingly, for both Mg containing and Mg-
free alloys the ‘nucleation’ condition was found to be 1.5 hours at 155°C. This confirms the
microscopic observations that in the ‘nucleation’ condition a high number density of precipitates are
present both in Mg containing and Mg-free alloys, even though they are not of the same type. This
rules out an effect of the nucleation time.

Another explanation of the difference in kinetics could be that the growth rate of T, and 6’
precipitates are different in the Mg-containing and in the Mg-free alloys. Then, when the
microstructure is dominated by T, the overall kinetics would be faster, and when it is dominated by
0’ it would be slower. The interface structure of the T, phase with the matrix on the habit plane has
almost no misfit strain, which favours the growth of this phase by reducing the build-up of elastic
stresses. In contrast the growth of 6’ is more complex. 8’ is known to be semi-coherent [41], [42]. As
shown in [19], it does not grow straight in these pre-deformed alloys but follows the dislocations,
which impose a complex structure arrangement. Moreover, in straight sections it is surrounded by an
ordered AlsLi phase at its interface with the matrix. It is difficult to state if this layer forms together
with the growth of 8’ or subsequently at room temperature, but in the first case it would make the
access of Cu solute atoms at the growing interphase more difficult. These different levels of
complexity of the growth of 8’ could lead to a slower growth rate than that of T,. However, this
interpretation alone also leads to some inconsistencies. Namely, the T, precipitates observed in the
Mg-free alloy in the stabilized condition should then be much larger than in the Mg containing alloy,
because of their lower number density and their longer ageing time as compared to the Mg
containing alloys. The only explanation that could reconcile our observations with this interpretation
is that most of the T, observed in the Mg-free alloy appear subsequently to the 6’ precipitates,
because they nucleate at sites associated with a higher activation energy, so that their growth is
impeded by the existing ©’, both in terms of available solute (soft impingement) and by hard
geometrical impingement. This is compatible with the facts that in the ‘nucleation’ condition a well-
developed 8’ microstructure can already be observed in the Mg-free alloy. Then, if this interpretation
is correct, the overall observed kinetics (by non-isothermal DSC or by SAXS) would be controlled by
the majority phase, whereas the minority phase grows at its pace and takes the remaining volume
available in the microstructure, which is plenty in the case of platelet precipitates.

A last mechanism that we can consider is related to a possible direct influence of Mg on the growth
rate of T,. Since T, precipitation is possible in both Mg containing and Mg-free alloys, an effect on the

kinetics could be the difference in growth rate of the T, diameter. The presence of Mg on the T,
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interfaces and its incorporation inside the precipitates as observed by [18] may affect the interfacial
energy and hence influence the lengthening rate.

To summarise, there is now strong evidence that the presence or absence of the Mg containing
precursors is the major factor that explains the difference in precipitation path, namely the
competition between T, and ©’, in between the Mg containing and Mg-free alloys. The situation is
more complex for the difference in precipitation kinetics. We have reviewed several possible effects,
which are likely to have a combined influence: the presence of Mg promotes a moderately higher
number density of precipitates earlier in the ageing process, T, grows faster than 8’ but nucleates

after this phase in Mg-free alloys, and possibly the presence of Mg accelerates the growth rate of T;.

Effect on hardness

The hardness increase correlates well with the increase in precipitate volume fraction as it has been
determined by SAXS measurements. In the as-quenched condition the hardness for all alloys is very
similar, but after pre-deformation and even more visibly after 3 days of natural aging, the hardness
of Mg containing alloys increases to higher values. The difference in hardness at this stage can be
attributed to the formation of precursors on dislocations in Mg containing alloys. Cu-Mg-vacancy co-
clustering has been observed in Al-Cu-Mg alloys and is associated to the rapid hardening
phenomenon [43], [44]. The hardness difference between Mg containing and Mg-free alloys remains
constant even during the ramp heating, after which hardness values have slightly decreased
compared to the naturally aged condition. The nearly constant hardness difference of Mg containing
and Mg-free alloys can be attributed to the Cu-Mg containing precursors, which are present in the
microstructure throughout the precipitation sequence.

During further aging, the hardness starts to increase at similar aging times at 155°C, which is
attributed to precipitation of mainly T,, and 6’ and T;, in Mg containing and Mg-free alloys,
respectively. The increase in hardening kinetics is in very good agreement with precipitation kinetics
obtained by SAXS measurements. Hardness increases from the onset of nucleation and longer
artificial aging times are necessary for Mg-free alloys in order to achieve maximum hardness,
corresponding to the observed slower precipitation kinetics.

The strengthening contributions for 8’, T, and precursors are certainly different. T, strengthens due
to a shearing mechanism [35], [45], and it has been shown that in order to achieve a high strength
with T, precipitates it was desirable to achieve a large T, diameter while retaining the 1 unit cell
thickness [35], [46]. 8’ on the other hand, is much more difficult to shear, and is generally considered
to be non shearable. It has been shown by Da Costa Teixeira et al. [47] that its strengthening
contribution in an Al-Cu alloy could be described by the dimension of the precipitate-free channels

between the grown platelets. The comparison between the strengthening potential from a
15



O ~J o Ul W

AU UTUIUTUIUTUTOTUT S DB DR DDEDEDEDWWWWWWWWWWWNNNNNNDNNONNNN R R PR R R R R
O WNHFRFOWVWO IO D™ WNROW®O-JAUTDWNROWOW®MJdAOANUTDWNR OWOWTAUBRWNR OWO®m-TI0U D WN R O W

microstructure dominated by T, precipitates (in the Mg containing alloy) and from a microstructure
dominated by 6’ (in the Mg-free alloys) is however no easy task, because it involves many factors: a
different equilibrium volume fraction (Cu being the limiting solute, Al,Culi provides a higher volume
fraction than Al,Cu), a different strengthening mechanism, different habit planes ({100} is intrinsically
more effective as compared to {111} [48]), different geometric characteristics, and a complex
addition of the strengthening contributions in case of the simultaneous presence of the two phases.
Actually it has been shown that a similar strength could be achieved by both types of particles [9]. In
addition, when Mg-free alloys achieve highest hardness after 50 hours the differences with Mg
containing alloys are still around 20 HV, the same as after natural aging. The S’ phase and GPB zones
still present at this stage must contribute to the strength, and thus it cannot be ruled out that the
difference in peak strength between the two alloy families is mainly controlled by the presence of
these phases. Therefore, the fact that we observe a higher peak strength when T, dominates the
microstructure is consistent with the usually accepted fact that this phase is the most potent
strengthener for AlCuli alloys, but it is no easy task to demonstrate by what mechanism this effect

can be rationalised.

4.2. Influence of Ag addition in the Mg-free alloy

The addition of Ag to the Base alloy results only in a small effect on hardness and precipitation
kinetics obtained by SAXS measurements in isothermal conditions at 155°C, although the dark field
electron micrographs in the stabilized condition suggest that in the presence of Ag the proportion of
T, is somewhat enhanced. However, a much larger effect is observed by DSC in non-isothermal
conditions: although the Base and Base + 0.3Ag alloys show a similar shape of the precipitation peak,
which indicates the presence of similar phases, the addition of 0.3Ag shifts the peak to lower
temperatures and make it narrower, which is associated to enhanced precipitation kinetics. The
difference between isothermal and non-isothermal experiments means that the effect of Ag is
temperature dependent. Increased hardness values due to Ag addition to AICuli alloys were
identified by Zheng et al. [25]. Huang and Zheng [28] showed that in the presence of Ag in an AlCuLi
alloy, the GP zone formation was suppressed and consequently the 8’ precipitate density was lower.
However, this effect was cancelled when pre-deformation was introduced prior to artificial aging
[25], which might explain similar hardness values for the Base and Base + 0.3Ag alloys in the present
study.

In summary, the influence of Ag on precipitation in the Base alloy is to favour the T, phase in
competition with the 8’ phase. Although this does not result in measurable changes of precipitation
and strengthening kinetics at 155°C, this effect is observed to be temperature dependent and more
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effective at the higher temperatures probed by DSC scanning. This effect may be related to the
influence of Ag on the stacking fault energy of aluminium and its role on T, nucleation in Mg-free

alloys, or to the effect of Ag on limiting the nucleation of 6’, or to a combination of both effects.

4.3. Influence of the addition of Zn and Ag in the presence of Mg

Effect on kinetics

The effect of different additions of Ag, Zn or (Ag and Zn) on precipitation kinetics is of second order
as compared to the major role played by Mg. However, an enhancement of precipitation kinetics is
identified compared to the Base + Mg alloy, which can make an important difference to the
compromise of mechanical properties since these alloys generally benefit from a slightly under-aged
condition to avoid a loss of toughness associated with grain boundary precipitation [33], [49]. In
contrast to the effect of an addition of Ag to the Base alloy seen above, the moderate influence on
kinetics is observed both in isothermal and non-isothermal conditions.

As observed in [18], [19] Ag segregation at the T,;/matrix interface is observed from the earliest
observation of this phase, namely in the ‘EoR’ and in ‘nucleation’ conditions. No EDX measurements
on T, precipitates in the Zn containing alloys could be performed for such early aging times, but we
can reasonably assume from the microstructure at later ageing times that Zn segregations are also
present at this stage. Both elements probably lower the activation energy for T, nucleation, which
indirectly promotes a faster overall precipitation kinetics. Ag being located specifically at the
interface may have a larger effect on the interfacial energy, whereas Zn, which seems to substitute
more generally to Cu, may influence more the volume free energy of T,. In addition, by substituting
to Cu in T4, part of the effect of Zn may be simply related to increasing the alloy supersaturation

(total amount of solute), without favouring the formation of 8" which is not expected to contain Zn.

Effect on hardness

Ag and Zn additions result in slightly higher hardness values and enhanced hardening kinetics

compared to the Base + Mg alloy. These effects are moderate but significant. After natural aging and

ramp heating, no differences in hardness are observed and the effect of Zn and Ag on hardening

kinetics is observed only during subsequent artificial aging.

The additional strengthening observed when Ag and Zn are added could be related to a higher

volume fraction of induced precipitation, or to a higher strengthening efficiency of a same precipitate

volume fraction. Both effects could of course also combine.

As seen in figure 10, a linear relationship between hardness and precipitate volume fraction is

observed, similarly to that observed by Dorin et al. [35] and by Rodgers and Prangnell [46] and
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expected from the strengthening model developed by Dorin et al. when the T, thickness remains that
of one unit cell. Within experimental uncertainty, it is not possible to discriminate between the
different slopes as function of addition of Ag, Zn or the combination of both. These results therefore
rule out that the observed higher strength in Ag and Zn containing alloys would be due to an
increased strengthening efficiency of the T, precipitates in the presence of Ag and/or Zn. Instead, the
higher hardness in these latter alloys is due to a higher overall precipitate volume fraction as
confirmed by the DSC measurements. Consequently, all points representative of the highest
hardness in figure 10 correspond as well to the highest volume fraction and belong to the Ag and/or
Zn added alloys.

As shown by Dorin [37] on a similar alloy, the volume fraction obtained in the ‘stabilized’ condition at
155°C is quite far from the equilibrium value, because the lack of T, thickening at this temperature
does not enable all the solute trapped in between the precipitates to reach them. Consequently,
differences in volume fraction in such ageing conditions do not have to be related to changes of
equilibrium volume fraction (which is probably only possible for Zn, see above), but can also be due
to changes in the efficiency of accessing the solute during the precipitation process, particularly by
promoting a more efficient nucleation.

Neglecting the effect of the precipitate size distribution, the precipitate volume fraction f, depends
on the precipitate number density N, thickness t and diameter D as follows:

Nyt D? Equation 2

X
fro =

For the heat treatment at 155°C, it is reasonable to assume constant thickness for the precipitates.
An increased precipitate volume fraction can thus be influenced by two factors: an increase in
number density of precipitates or an increase in the precipitate diameter. An increased number
density is possible if the nucleation rate is enhanced, which could be related to the effect of Ag and
Zn on the interface or volume free energy of the T, phase as discussed above, but could not be
confirmed by our TEM observations due to the uncertainties of sample thickness for the conventional
dark field observations.

As seen in Equation 2, the influence of the diameter on the volume fraction is quite important. The
measured diameters (see table 2) in the present study showed variations between 45 to 60 nm
between alloys, but no clear trend could be observed with respect to minor alloying elements.
Probably the variability of diameters in the microstructures is quite high, depending on the local
dislocation density in the grains observed in TEM. It has been shown in [38] that the variability of the
hardness distribution in these alloys was related to the variability of the dislocation density

introduced during pre-deformation from one grain to another.
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In summary, the effect of Ag, Zn and combined (Ag and Zn) affects the volume fraction of T,
precipitates, which is the main precipitating phase in the presence of Mg. The increase of volume
fraction is well correlated to the increase in hardness. The highest hardness and volume fraction of T,
were found in the Base + Mg0.3Ag and the Base + Mg0.1AgZn alloys. It is likely that the presence of
Ag and Zn provides a more efficient nucleation of the T, phase and thus helps reaching a higher
volume fraction, through combined effects of decreased interfacial energy (Ag), increased
supersaturation and decreased volume free energy (Zn). Density Functional Theory (DFT) calculations
are needed to provide more insight on the preferential location of these solutes in the T, structure

embedded in Al matrix, and on their effect on the energetics of the system.

5. Conclusion

The effect of minor alloying elements (Mg, Ag, Zn and combinations of them) on precipitation
kinetics and on the related hardness in an Al-Cu-Li alloy has been determined. Combining
complementary experimental techniques makes it possible to draw some conclusions on the
respective roles of the different solute additions, applicable for the particular case studied here,

namely a low Li content and precipitation in a pre-deformed material.

e Mg is the most important addition to AI-Cu-Li. Its presence changes the precipitation
sequence to mainly T, phase as compared to mainly 8’ in an Mg-free alloy. A change in
precipitation kinetics is associated to this change in precipitation path, which appears to be
mainly related to a faster precipitation kinetics for T, precipitates as compared to 8’ phase
constrained by the dislocations. The hardening kinetics follow well the precipitation kinetics,
and the final increased hardness in the presence of Mg may be related to a more efficient
strengthening by T4, or to the presence of S’ and GPB zones at the dislocations.

e An addition of Ag, when no Mg is present in the alloy, leads to a higher proportion of T,
precipitates, possibly due to an Ag effect on the trapping of vacancies, which reduces the GP
zone formation and consequently 6 formation. The observed higher hardness in the
presence of Ag can therefore be attributed to a higher proportion of T,. The effect of Ag on
precipitation kinetics is strongly temperature-dependent, with an enhanced effect in non-
isothermal conditions as compared to isothermal ageing at 155°C.

e When adding Ag, Zn or their combination to a Mg containing alloy, the microstructure and
precipitation sequence are qualitatively not modified. However, these additions result in an

enhanced precipitation kinetics, a higher precipitate volume fraction in isothermal conditions
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and a higher strength. The presence of Ag at the T;/matrix interface and of Zn within the
precipitate seem to play a role in favouring the nucleation of this phase and help reaching a
higher volume fraction. However they do not seem to play a direct role in the strengthening
efficiency of Ty, and the additional strength in the Ag,Zn added alloys is mainly controlled by

the larger precipitate volume fraction.
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Appendix: extraction of average precipitate thickness from radially averaged SAXS data

According to [50], the radially averaged SAXS intensity given by an assembly of platelets of thickness

t, diameter D and volume fraction f, can be written (when D>>t and gD>>1):

ot sind 2 Equation Al
- qt
L(0,0) = 8p%f, — | —-

"\ T

Where Ap? is the electronic density contrast between matrix and precipitates. The interesting

feature of eq. Al is that it is independent of D. The oscillating sine term is expected to give strong
oscillations, in particular a zero intensity at g = Tn While the T, precipitates are known to form

mostly as single unit-cell thickness [37], even a moderate dispersion in the thickness distribution (in
this case, the presence of a few 2-layers, 3-layers or more precipitates) is likely to damp the presence
of these zeros in the function. The discrete nature of the possible thicknesses of the precipitates does
not allow the use of usual continuous size dispersion functions (such as Gaussian or log-normal).
Instead we use a discrete distribution based on a Poisson law. It is based on the assumption that the
multi-layer nature of the precipitates is governed by a Poisson probability. The precipitates thickness
is that of a single unit-cell plus a Poisson distribution of additional layers. The probability of obtaining

the thickness t,, = t; + n - 8t is given by the usual Poisson law:

k

A2
P(n,A) = €

Equation A2
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In this case A is the average number of additional layers, so that the average precipitate thickness can
be written:
t=<t>=t;+1-6t Equation A3
t, is the thickness of a single unit cell T, precipitate, while &t is the thickness of one additional layer.
While we might expect these two values to be equal to about 4 di;; of Al (which is the unit cell
parameter of the T, phase), the single layer precipitates also include some rearrangement at the
interface and their effective thickness is expected to be somewhat larger. We estimated t;to be
about 9.5 A and we used 4 d;; distances (about 9.3 A) for §t.
The SAXS intensity of the precipitates is then given by the sum of the contribution of each class of
precipitates. After noticing that the number density of each class is given by n,,B,, with n,, the overall
number density, and assuming a constant cross section area for each precipitate, the total intensity
reads
4 - qt,\? Equation A4
1q.0) = 80%f, 3z ) Pa(sin 37
n=0
In practice, the sum only needs to run up to the value for which P, is still significant. In our cases, the
contribution of precipitates with n superior to 8 was always negligible. This model has 2 parameters,
t and f, (or rather, its product with Ap?), the unit cell and single layer thicknesses being considered as
constants. As previously discussed, the volume fraction considered here cannot be absolutely
calibrated because i) it is extremely dependent on the local texture and ii) it cannot be separated
from the electronic density contrast which may not be constant throughout the experiment or from
an alloy to another. We will only consider relative variations and attempt an absolute calibration
from external information, namely DSC experiments.
In addition to the precipitates signal, we will consider a background signal which corresponds to the
Laue incoherent scattering of the disordered matrix (which gives a constant contribution) and the
Porod behavior of large objects (e.g. dispersoids) giving rise to a contribution to intensity at low q

(proportional to g™).
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Figure(s)

Alloys Cu Li Mg Ag Zn
Base 3.5 0.9

Base + 0.3Ag 3.5 0.9 0.35

Base + Mg 3.5 0.9 0.35

Base + Mg0.1Ag 3.5 0.9 0.35 0.11

Base + Mg0.3Ag 3.5 0.9 0.35 0.35

Base + MgZn 3.5 0.9 0.35 0.6
Base + Mg0.1AgZn 3.5 0.9 0.35 0.11 0.6

Table 1: Alloy compositions (all in wt%)

Alloys Aging time Maximum hardness Average T, diameter [nm]
Base 50 148 42
Base + 0.3Ag 50 154 43
Base + Mg 20 162 45
Base + Mg0.1Ag 18 170 60
Base + Mg0.3Ag 18 173 45
Base + MgZn 18 170 48
Base + Mg0.1AgZn 15 174 55

Table 2: Ageing times to reach the ‘stabilized’ condition in all investigated alloys, and corresponding
hardness and average diameter of T, precipitates measured from conventional TEM dark field images
such as those presented in Figure 2.

Alloys Calculated area Volume fraction
from DSC [J/g] [%]

Base + Mg 17.73 3.31

Base + Mg0.1Ag 20.45 3.77

Base + Mg0.3Ag 21.94 4.04

Base + MgZn 21.73 4.00

Base + Mg0.1AgZn 23.62 4.35

Table 3 : Calculated area below the DSC curve in J/g and corresponding T; volume fraction, by using the
relationship from [24], in the different Mg-containing alloys.
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Figure 1: Effect of Mg, Ag and Zn additions on hardness evolution during 155°C isothermal ageing.



.. % b) Base + 0.3Ag _ I ..: « c)Base -PI\’IIg « d)Base + Mg0.1Ag

-
. . 5 4 .-
4 ; . ¢ .

f) Base + Man .‘. g) Base + Mg0.1AgZn
|

Figure 2: Dark field TEM images for all alloys illustrate the effect of Mg, Ag and Zn on the distribution
of T, precipitates in the stabilized condition. All TEM pictures are taken with same magnification, in
<112> zone axis. Histograms built from measurements on dark field images of the projected length of T
precipitates can be found in supplementary material. Images b) and g) are taken from [16].
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Figure 3 : Dark field images in <001> zone axis of (a) Base alloy and (b) Base + Mg0.1Ag alloy in the
stabilized condition.
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Figure 4 : SAXS images in the stabilized condition for all alloys. Below the images are shown the radially
averaged I vs. q plots for 3 different aging conditions of each alloy : NA, EoR and stabilized.
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Figure 5: Evolution of a) precipitate volume fraction and (b) precipitate thickness during ageing at 155°C
measured by in-situ SAXS for all alloys.



Endo up

(Wig)

o
o
o o

Normalized heat flow

o
-—

alloy

_015 | 1 I | 1 | 1
150 200 250 300 350 400 450 500 550

Temperature (°C)

a) 236 °C b) 260 °C c) 286°C d) 317°C

e) 341°C f) 353°C g) 452°C h) 500 °C

Figure 6 : DSC curve measured on the Base alloy with 50 °C/min from a naturally aged condition. (a) to
(h): SAXS images at different temperatures during the ramp heating at 50 °C/min corresponding to the
points indicated in the DSC curve.
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Figure 8: DSC graphs at 200 °C/min heating rate from the stabilized condition for all alloys
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Figure 9: Evolution of calibrated volume fraction for the Mg containing alloys during ageing at 155°C.
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